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L  Introduction 

Because  of  the  very  low  failure  strains  of  most  carbon 
matrices,  carbon- fiber/carbon-matrix  composites — so- 

called  carbon/carbon  (C/C) — fall  into  the  category  of  brittle- 
matrix  composites.  Nevertheless,  in  spite  of  extensive  interest 
in  the  fracture  behavior  of  uniaxially  fiber- rein  forced  ceramic- 
matrix  composites,*  there  have  been  few  efforts  to  study  in 
detail  the  microstructural  characteristics  involved  in  the  fracture 
behavior  of  similarly  constructed  C/Cs.‘~^  Rather,  more  atten¬ 
tion  has  been  directed  to  2D  reinforced  cloth  laminate  C/Cs,^*° 

including,  recently,  a  2D  SiC-fiber-reinforced  carbon  matrix." 
While  such  studies  have  provided  useful  insights  into  the 
mechanical  behavior  of  uiiTerciit  types  of  C/Cs  under  a  variety 
of  conditions,  the  complicated  microstructures  of  carbon  sys¬ 
tems  have  made  it  extremely  difficult  to  isolate  the  effects  of 
specific  microstructural  features  in  the  fracture  process. 

In  this  current  investigation,  we  expand  on  earlier  work*^  in 
which  we  measured  the  in  situ  fiber  strength  utilization  (FSU) 
as  a  function  of  heat-treatment  temperature  (HTT)  for  a  series 
of  unidirectional  C/Cs  fabricated  from  four  Du  Pont  meso- 
phase-derived  carbon  fibers  and  a  poly(aiylacetylene)  (PAA) 
resin  matrix  precursor.  FSU  was  defined  as  the  ratio  of  apparent 
fiber  strength  in  the  C/C  to  the  fiber  strength  in  an  epoxy-resin- 
matrix  composite.  The  problem  of  low  FSU  in  C/C  has  been 
noted  for  many  years,  beginning  with  the  work  of  Fitzer  and 
Burger^  on  carbonized  unidirectional  composites,  followed  by 
Newling  and  Walker,^  and  then  by  Thomas  and  Walker,*^  who 
invoked  the  Cook-Gordon*"*  mechanism  of  toughening  of  brittle 
solids  to  explain  the  improved  FSU  of  C/Cs  at  higher  HTTs. 


In  the  earlier  work  we  cited, *Mhe  FSUs  of  the  E35,  E75, 
El 05,  and  El 30  fiber^/PAA  composites  (where  the  number  in 
the  fiber  designation  is  the  fiber  tensile  modulus  in  units  of 
Mpsi)  were  studied  as  a  function  of  five  processing  conditions: 
the  cured-resin  composite,  and  HTTs  of  1100°,  2150°,  2400°, 
and  2750°C,  The  results  are  summarized  in  Table  I  to  illustrate 
the  wide  differences  in  FSU  among  this  family  of  fibers,  all  of 
which  are  derived  from  the  same  mesophase  precursor.  ; 

Following  the  HTT  of  1 100°C  (carbonization),  the  E35,  E75,’ 
and  El 05  C/C  composites  experienced  large  reductions  in  fail¬ 
ure  strain  (~0. 1-0.2%)  and,  hence,  in  FSU  (24-35%),  relative 
to  the  same  fibers  in  the  baseline  epoxy-matrix  composites.  In 
contrast,  the  E130  composite  had  an  FSU  of  79%. 

Scanning  electron  micrographs  (SEMs)  of  the  fracture  sur¬ 
faces  revealed  that  the  three  lower-modulus  fiber  composites 
experienced  matrix-dominated  brittle  fracture;  i.e.,  crack-tip 
stresses  at  the  fiber-matrix  interface  were  sufficiently  high  to 
fracture  the  fibers,  leading  to  a  smooth  fracture  surface  with  no' 


Table  I.  Fiber  Strength  Utilization  (FSU)  for  the 
Different  Composites  by  HTT^ 


Fiber 

FSU  (%) 

Cured 

resin 

HOOT 

2150T 

2400T 

2750T 

E35 

100 

24 

28 

60 

31 

E75 

100 

24 

62 

74 

28 

E105 

100 

35 

72 

74 

34 

E130 

100 

79 

92 

68 

42 

TromRef.  12. 


'A  series  of  experimental  carbon  fibers  from  Du  Pont  derived  from  mesophase 
pitch. 
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SEM 


Fig.  1.  Schematic  diagram  of  experimental  arrangement  for  in  situ 
flexure  testing. 

fiber  pullout.  The  El 30  fiber  composite  revealed  a  rougher 
fracture  surface  with  distinct,  but  limited,  fiber  pullout.  The 
striking  characteristic,  however,  of  the  El 30  composite  was  the 
very  jagged,  rough  fracture  of  the  El 30  filaments  themselves; 
this  fiber  microstructure  was  believed  to  be  the  major  factor 
contributing  to  the  composite  toughness  and  improved  yield  of 
fiber  strength  relative  to  the  other  three  composites.  Another 
factor  that  may  come  into  play  in  the  El 30  composite  is  a 
reduced  interfacial  bond  strength  owing  to  the  low  chemical 
activity  of  highly  oriented,  ultra-high-modulus  fibers  such  as 
El 30.  While  the  debate  over  chemical  versus  frictional  bonding 
in  C/C  is  far  from  resolved,  recent  transmission  electron 
microscopy  (TEM)  studies'^  have  revealed  examples  of  intimate 
fusion  between  fiber  and  matrix  in  high-HTT  (>2000°C)  com¬ 
posites,  However,  such  bonding  in  C/Cs  may  be  only  the  rem¬ 
nants  of  bonding  in  the  earlier  stages  of  C/C  process¬ 
ing — specifically  during  the  degradation/pyrolysis  of  the 
polymer-matrix  precursor.  Such  bonding  would  presumably  be 
a  factor  in  the  development  of  residual  compressive  radial 
stresses  at  the  fiber-matrix  interface,  thereby  affecting  the  com¬ 
posite  fracture  behavior  through  the  frictional  interfacial  shear 
strength. 

With  heat  treatment  to  2150°,  2400°,  and  2750°C  we 
observed  in  all  four  composites  a  “recovery”  of  fiber  strength 
for  HTT  to  2150°  or  2400°C.  This  is  principally  the  result  of  m 
interface  weakening,  as  inferred  by  significant  fiber  pullout  in 
the  specimen  fracture  surfaces;  the  weaker  interface  works  to 
overcome  matrix-dominated  composite  failure.  With  heat  treat¬ 
ment  to  2750°C,  all  the  composites  experienced  significant 
reductions  in  FSU.  For  this  HTT,  SEM  micrographs  showed 
evidence  of  fiber  degradation  in  the  lower  form  of  longitudinal 
fiber  splitting. ‘“This  damage  was  believed  to  be  a  consequence 
of  the  composite  thermal  stresses  induced  by  this  high  HTT 
since  the  fibers  when  heat-treated  alone  to  2750°C  showed 
strength  increases. 

The  objective  of  this  current  paper  is  to  report,  in  detail, 
results  from  an  investigation  of  the  failure  mechanisms  of  one 
of  these  composites,  the  El  30  C/C,  as  a  function  of  HTT  using 
an  SEM  flexure  stage.  We  were  particularly  interested  in  the 
behavior  of  the  crack  tip  as  it  advanced  through  the  various 
composite  microstructural  elements. 


(b) 
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II.  Experimental  Procedure 

Unidirectional  composites  were  fabricated  by  solution 
impregnation  of  PAA/methyl  ethyl  ketone  into  single  tows  of 
the  El 30  mesophase-pitch-derived  carbon  fibers.  Each  tow  con¬ 
tained  3000  filaments.  The  single-tow  composites  were  then 
air-dried  and  cured  at  250°C.  Subsequent  heat  treatments  were 
performed  at  1 100°,  1600°,  2150°,  2400°,  and  2750°C  for  1  h  in 
argon.  More  complete  details  of  the  composite  tensile  testing 
can  be  found  in  Ref.  12.  Discussions  of  the  PA  A  resin  matrix 
precursor  have  also  been  reported  elsewhere, as  have  the 
fiber  volume  fractions  Vf  of  these  same  composites.'^  In  the 
cured  state,  was  found  to  be  about  0.20.  Upon  carbonization 
( 1 1 00°C),  consolidation  of  the  composite  resulted  in  increas¬ 
ing  to  a  nominal  value  of  0.30.  This  value  remained  essentially 
constant  with  further  heat  treatment  through  2400°C. 


Fig.  2.  Brittle  fracture  of  composite  heat-treated  to  1 100®C:  (a)  low 
magnification,  (b)  higher  magnification  revealing  jagged  filament 
fracture. 


Because  of  the  small  size  of  the  tow  composites  (-“^1  mm 
diameter),  they  were  mounted  in  epoxy  resin,  then  polished  to 
an  optical  finish.  The  specimens  were  oriented  so  that  the  fibers 
were  aligned  in  the  direction  of  the  applied  tension.  A  xenon- 
ion  etching  procedure  was  also  performed  on  the  specimens 
to  enhance  the  distinction  between  carbon  microstructures. 
Excess  mounting  resin  was  machined  away,  leaving  the  C/C 
specimen  embedded  in  the  minimum  amount  of  resin.  The 
advantages  of  having  the  epoxy  support  are  twofold:  First,  it 
avoids  crushing  damage  to  the  specimen  at  the  loading  pins 
since  the  load  is  applied  directly  to  the  epoxy;  second,  the 
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Fig.  3.  View  of  crack  propagation  in  El 30  composite  prior  to  crack 
opening  revealing  intrafilament  crack  deflection. 


epoxy  keeps  the  composite  intact  during  the  later  stages  of 
crack  propagation.  Figure  1  shows  a  schematic  of  the  sample 
arrangement  used  for  in  situ  SEM  observations.  The  assembly 
was  fitted  with  a  displacement  control  loading  mechanism  that 
could  be  manually  controlled  from  outside  the  SEM.  The  span- 
to-depth  ratio  of  ^e  samples  was  approximately  50: 1  to  ensure 
a  close  approximation  of  tensile  failure  at  the  surface.  Observa¬ 
tions  were  made  on  the  exposed  tensile  face.  Unfortunately,  the 
stage  was  not  equipped  to  measure  either  load  or  deflection 
with  significant  accuracy.  Initially,  efforts  were  made  to  intro¬ 
duce  small  matrix  cracks  with  a  Vickers  indenter.  However,  the 
results  of  this  approach  were  that  in  most  cases  the  manufac¬ 
tured  flaws  did  not  initiate  a  steady-state  matrix  crack.  This  is 
the  same  observation  made  by  Marshall  and  Evans^^  in  their 
studies  of  the  in  situ  failure  behavior  of  a  SiC/glass-ceramic 
composite.  The  best  results  were  obtained  by  observing  the 


polished  specimen  surface  at  a  magnification  sufficiently  low  to 
detect  the  first  matrix  crack,  then  focusing  on  this  region  at 
higher  magnification  as  the  displacement  was  progressively 
increased. 

III.  Results 

Figures  2(a)  and  (b)  show  the  fracture  surface  of  an  El 30 
composite  heat-treated  to  1100°C.  A  single  matrix  crack  has 
propagated  through  the  entire  width  of  the  composite  (perpen¬ 
dicular  to  the  load  direction),  fracturing  both  matrix  and  fibers. 
Figure  2(b)  reveals  that  rather  than  the  crack  propagating 
directly  through  the  filaments,  as  was  the  case  for  other  E-type 
fibers  in  this  same  matrix,*^  there  is  a  high  degree  of  crack 
deflection  within  the  EDO  filaments.  Figure  3  shows  a  high- 
magnification  micrograph  of  a  deflected  crack  (moving  from 
left  to  right)  within  a  filament  at  a  point  where  the  crack  has  not 
yet  opened  appreciably.  This  energy-absorbing  fracture  path 
through  the  filaments  very  likely  contributes  to  the  higher 
strength  utilization  of  these  composites  over  that  of  other 
E-type  fiber  composites  (Table  I),  all  of  which  experienced 
planar  brittle  failure  of  the  fibers  and  gave  significantly  lower 
strength  utilizations,  consistent  with  matrix-dominated  failure, 
i.e.,  composite  failure  occurring  at  the  failure  strain  of  the 
matrix.  For  example,  the  E75  and  El 05  composites  heat-treated 
to  1100°C  both  failed  at  about  0.1%  strain,  whereas  the  EDO 
composite  failed  at  about  0.2%.  The  absolute  difference,  of 
course,  is  small,  but,  we  believe,  significant.  Interface  weaken¬ 
ing  may  also  play  a  role  in  the  higher  failure  strain  and  FSU  of 
the  EDO  composite.  For  example,  Edie  et  found  that  the 
interlaminar  shear  strengths  of  these  same  four  fibers  in  an 
epoxy  matrix  decreased  monotonically  with  increasing  fiber 
modulus. 

For  a  HTT  of  1600°C,  we  observed  a  mixed-mode  failure 
(Figs.  4(a)  and  (b));  i.e.,  there  was  a  combination  of  matrix- 
induced  fiber  failure  as  well  as  some  interfacial  crack  deflection 
consistent  with  some  local  weakening,  or  even  possibly 
debonding,  of  the  fiber-matrix  interface  with  HTT.  This  is 
illustrated  well  in  Fig.  4(b),  where  we  see  one  fiber  that  has 
failed  at  a  distance  of  about  6  mm  from  the  primary  matrix 
crack.  This  fracture  mode  allows  some  of  the  intact  fibers  to 
bridge  the  crack,  contributing  to  crack-tip  shielding  and  leading 
to  higher  fiber  strength  utilizations.  (Note:  FSU  was  not  mea¬ 
sured  for  the  1600°C  HTT.) 
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Hg.  4.  Fracture  behavior  of  El 30  composite  heat-treated  to  1600®C  exhibiting  mixed  mode  failure:  (a)  low  magnification,  (b)  higher  magnification 
snowing  a  filament  break  occurring  about  6  mm  from  the  matrix  crack. 
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Fig.  5.  High -magnification  micrograph  showing  crack  blunting  in 
interfacial  region  of  2150°C  heat-treated  composite. 


With  heat  treatment  to  2150°C,  we  see  the  first  clear  evi¬ 
dence,  at  typical  SEM  magnifications,  of  a  matrix  interphase 
structure  (Fig.  5).  As  discussed  previously, this  interphase  is  a 
region  of  higher  preferred  orientation  and  enhanced  crystalline 
development*^  as  a  consequence  of  matrix  deformation  during 
pyrolysis  and  carbonization.  We  have  argued  that  the  source  of 
this  deformation  is  the  restraint  of  matrix  shrinkage  at  the  fiber 
surface  resulting  from  attractive  or  frictional  forces  between 
fiber  and  matrix  Independent  measurements  by  TEM-selected 
area  diffraction*^  of  these  same  and  similar  composites  have 
confirmed  repeatedly  that  the  zone  of  matrix  around  the  fiber 
(from  ~0.5  to  2.0  ptm)  is  better  graphitized  and  better  oriented 
than  the  ‘"bulk”  matrix  farther  from  the  fibers.  This  is  evident  at 
HTTs  as  low  as  1 100°C.*^For  the  case  of  the  SEM  of  Fig.  5,  the 
greater  brightness  of  the  sheath  is  most  likely  the  result  of  its 
higher  density,*®  which  results  in  a  higher  electron  emission.  It 
is  also  possible  that  the  contrast  between  interphase  and  “bulk” 
matrix  is  due  to  the  differences  in  orientation.  Also,  because 
of  the  relatively  low  HTT  of  2150°C,  this  matrix  interphase 
“sheath”^^  structure  is  not  well  graphitized  and,  therefore,  does 
not  have  the  lamellar  graphitic  texture  seen  in  the  highly  graphi¬ 
tized  El 30  fiber  adjacent  to  it.  This  lamellar,  or  grooved,  texture 
of  etched  graphite,  as  seen  by  standard  secondary-electron 
images,  is  a  consequence  of  topographic  contrast.  Whether  due 
to  ion  bombardment  or  reactive  etching,  the  less  crystalline, 
more  defective  areas  tend  to  erode  more,  leaving  a  topography 
of  “hills  and  valleys.” 

Composites  heat-treated  to  2150°C  no  longer  experienced 
matrix-dominated  failure.  Matrix  cracks  that  form  on  the  com¬ 
posite  surface  can  apparently  be  blunted  at  the  interphase 
region,  as  illustrated  in  Fig.  5.  However,  the  orientation  and 
^phitization  of  the  interphase  is  not  sufficiently  developed  at 
this  HTT  to  cause  deflection  of  the  crack  along  the  length  of 
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Fig.  6.  Matrix  crack  bridged  by  intact  fibers  (2 1 50®C  HTT). 


this  interphase.  With  further  straining,  a  single  matrix  crack  is 
formed  that  traverses  the  composite,  deflecting  around  the  fibers 
and  bridged  by  intact  fibers  (Fig.  6).  Additional  straining  of  the 
composite  causes  the  formation  of  periodic  matrix  cracks, 
which  divide  the  composite  into  blocks  of  matrix  held  together 
by  intact  fibers.  This  is  shown  in  the  lower  magnification  photo 
of  Fig.  7,  in  which  the  composite  is  seen  in  the  center  of  the 
photo  embedded  in  the  epoxy  resin  matrix. 
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Fig.  7.  Multiple  matrix  cracks  formed  in  2150°C  heat-treated 
composite. 
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Fig.  8.  Matrix  slippage  over  bridging  fibers  in  2150°C  heat-treated 
composite. 


The  now-classic  theory  of  Aveston,  Cooper,  and  Kelly 
(ACK)^"^  predicts  this  phenomenon  of  multiple  matrix  cracking 
in  brittle-matrix  composites,  and  argues  that  it  should  coincide 
with  the  onset  of  nonlinear  behavior  in  the  stress-strain  curve. 
However,  in  our  jprevious  work, in  which  these  same  speci¬ 
mens  were  broken  in  uniaxial  tension,  the  stress-strain  curves 
were  always  linear  up  to  failure.  Kim  and  Pagano^  also  failed 
to  observe  deviation  from  linear  behavior  in  their  stress-strain 
curves  of  fiber-reinforced  glass-ceramics  even  though  matrix 
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Fig.  9.  High-magnification  micrograph  showing  crack  blunting  at 
graphitized  matrix  sheath  structure  in  2400®C  heat-treated  composite. 


10  fdm 

Fig.  10.  Short-range  longitudinal  intramatrix  splitting  in  2400®C 
heat-treated  composite. 


cracking  was  observed  microscopically  and  by  acoustic  emis¬ 
sion  in  the  linear  region  of  the  curve.  However,  as  pointed  out 
by  Yang  and  Knowles, unless  a  large  number  of  cracks 
form  simultaneously,  we  should  not  expect  to  see  a  significant 
deflection  of  the  stress-strain  curve.  The  average  spacing  of  the 
cracks  in  the  2150®C  HTT  sample  is  about  1  mm,  and  the  crack 
width  is  about  one  fiber  diameter  at  the  point  where  the  crack 
tip  has  traversed  the  entire  width  of  the  specimen.  Increasing 
the  strain  on  the  composite  still  further  causes  the  matrix  blocks 
to  slip  over  the  reinforcing  fibers,  as  shown  in  Fig.  8,  implying 
that  the  fiber  and  matrix  are  frictionally  bonded  at  this  point 
(i.e.,  for  this  HTT).  Bridging  of  the  crack  by  carbon  fibers  can 
also  be  seen  in  Fig.  8.  Some  of  these  fibers  are  clearly  broken. 
However,  we  were  able  to  confirm  that  those  fibers  that  appear 
intact  in  the  photo  were  intact  along  the  entire  length  of  the 
specimen  (approximately  2.5  in.).  The  bridging  fibers  provide 
crack-surface-closure  tractions,  which  reduce  stresses  in  the 
matrix  crack  tip.  The  maximum  FSU  of  92%  is  attained  for  the 
2150°C  HTT  composite  (Table  I),  suggesting  that  the  composite 
has  achieved  something  close  to  an  optimum  interfacial  shear 
strength  (IFSS),  meaning  that  the  bond  strength  is  sufficiently 
weak  so  that  there  is  no  longer  matrix-dominated  failure,  yet 
strong  enough  to  effectively  utilize  the  stress-transfer  capabili¬ 
ties  of  the  matrix. 

It  has  been  suggested  to  us  by  one  of  the  reviewers  that  the 
crack-opening  displacement  seen  in  Fig.  8  is  about  50%  of  the 
size  of  the  gaps  between  the  two  broken  filaments  seen  on  the 
left  of  the  photo,  suggesting  significant  residual  stresses  in  the 
fiber;  this  leads  to  the  question  of  the  role  of  the  epoxy  polymer 
mount  in  limiting  or  controlling  the  damage  to  the  composite. 
There  is  little  question  that  the  epoxy  mount  controls  the  degree 
of  damage,  and,  in  fact,  this  is  one  of  the  reasons  for  its  use. 
Without  it,  the  cracks  would  probably  move  too  quickly  to 
follow.  But  we  do  not  believe  the  nature  of  the  crack  behavior 
is  affected;  rather,  the  mount  allows  us  to  gain  greater  sensitiv¬ 
ity  and  control  over  what  is  otherwise  a  relatively  insensitive 
flexure  stage. 

With  heat  treatment  to  2400°C,  the  oriented  matrix  sheath 
becomes  well  graphitized,  as  evidenced  by  its  lamellar  texture. 
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Fig.  11.  Crack  propagation  through  a  2400°C  heat-treated  composite  at  three  levels  of  strain  increasing  from  (a)  to  (c).  The  graphitized  sheath 
appears  light  gray  in  the  micrographs  in  comparison  to  the  darker  gray  less  oriented  and  graphitized  matrix  regions. 


and  is  almost  indistinguishable  from  the  graphitic  El 30  fiber 
(Fig.  9;  compare  to  Fig.  5).  Crack  blunting  at  the  graphitized 
matrix  interphase  sheath  is  also  shown  in  Fig.  9.  The  high 
degree  of  orientation  and  lamellar  graphitic  structure  of  the 
sheath  leads  to  significant  delamination  cracking  in  the  sheath 
along  the  direction  of  the  filament  (Fig.  10).  However,  this 
intrarnatrix  cohesive  failure  also  reduces  the  load-carrying 
capabilities  of  the  matrix.  Figures  ll(a~c)  show  the  sequence 
of  crack  propagation  through  the  2400°C  HTT  sample.  Note 
that  the  darker  gray  (and  usually  thicker)  regions  are  nongraphi- 
:  ozcd,  glassy-carbon-type  matrix,  whereas  the  sheath  structure 
^^ohter  gray  like  the  fiber  for  the  reasons  discussed 
extent  of  orientation  and  graphitization  of  the 
Ijhe?  ^^^ion  varies  greatly  over  the  length  of  the  composite, 
cture  path  through  the  matrix  is  significantly  more  tortu¬ 


ous  than  for  the  2150°C  HTT  composite.  Although  some  cracks 
are  deflected  at  the  sheath,  crack  deflection  occurs  primarily  at 
the  interface  between  graphitized  sheath  (i.e.,  interphase)  and 
fiber.  Relative  to  the  lower  HTT  specimens,  a  much  smaller 
degree  of  deflection  is  required  to  open  the  crack.  By  the  time 
the  crack  has  traversed  the  composite,  the  crack  opening  is 
quite  substantial.  The  development  of  this  well-oriented  and 
graphitized  sheath  no  doubt  facilitates  the  frictional  sliding  of 
the  fiber.  Figure  12  is  a  higher-magnification  view  of  a  crack 
zone  showing  well-defined  regions  of  nongraphitized  matrix, 
graphitized  matrix  sheath,  and  fiber.  Note  the  extensive  debond¬ 
ing  between  fiber  and  matrix. 

Following  the  highest  HTT  of  2750°C,  the  development  of 
the  graphitized  sheath  interphase  is  very  extensive  along  the 
length  of  the  interfacial  region.  Figures  13(a)  and  (b)  show  a 
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Fig.  12.  Crack  zone  showing  well-defined  regions  of  nongraphitized 
matrix,  graphitized  sheath,  and  fiber  in  2400°C  heat-treated  composite. 


sequence  of  two  micrographs  of  the  composite  as  it  is  strained. 
As  the  crack  propagates  across  the  width  of  the  composite,  it  is 
first  deflected  around  a  zone  of  sheath  (left  side  of  Fig.  13(a)), 
The  fiber  associated  with  this  sheath  has  been  removed  by 
polishing.  The  crack  then  becomes  blunted  at  the  fiber  F  after  it 
passes  through  a  second  sheath.  Further  straining  (Fig.  13(b)) 
leads  to  partial  fracture  of  the  filament  F  and  extensive  longitu¬ 
dinal  splitting  of  the  matrix  sheath  region  labeled  S.  Note  the 
saw-toothed  structure  of  the  fractured  sheath,  seen  best  (better?) 
in  the  higher  magnification  view  of  Fig.  13(c).  At  this  point,  the 
intramatrix  cohesive  failure  of  the  sheath  is  very  extensive, 
leading  to  a  decoupling  of  the  surrounding  matrix  from  the 
fibers.  From  Table  I  we  see  that  the  FSU  has  fallen  to  its  lowest 
value  of  42%.  In  addition  to  the  very  weak  coupling  between 
fiber  and  matrix  for  this  HTT,  in  the  previous  study,  we  also 
found  evidence  of  fiber  degradation  resulting  from  the  C/C 
processing.*^ 

IV.  Discussion 

The  predominately  brittle  fracture  observed  for  the  El 30 
composite/ 1100°C  HTT,  although  mitigated  somewhat  by  the 
tough  fiber  fracture  as  already  discussed,  was  typical  of  most  of 
the  C/Cs  that  we  have  investigated  to  date.  This  could  suggest 
very  large  frictional  stresses  at  the  fiber-matrix  interface  gener¬ 
ated  as  a  result  of  the  matrix  shrinkage  in  its  conversion  from 
polymer  to  carbon.  We  can  attempt  an  estimate  of  these  fric¬ 
tional  stresses  and  then  compare  them  with  estimates  of  inter¬ 
facial  shear  debonding  stresses  associated  with  an  advancing 
crack  using  an  approach  due  originally  to  Cook  and  Gordon*'’ 
for  isotropic  solids  and  extended  by  Kelly“^  to  the  case  of 
unidirectional  carbon-fiber  composites. 

The  problem  that  we  face  here  is  extremely  difficult  because 
so  little  is  known  about  the  thermal  degradation  and  carboniza¬ 
tion  of  polymers,  and  a  number  of  tenuous  assumptions  must  be 
made.  Nevertheless,  we  think  the  problem  can  be  bounded  to 
deal  with  the  particular  case  at  hand.  First,  we  know  that  the 
large  pyrolysis  shrinkage  strains  of  PAA  and  phenolic  resins 


subjected  to  1100°C  HTT  are  about  40%  and  45%,  respec¬ 
tively. '^Clearly,  these  are  essentially  irreversible  strains  associ¬ 
ated  with  the  conversion  of  one  material  (polymer)  to  another 
(carbon),  and  the  attendant  weight  loss  occurring  roughly  over 
about  the  same  temperature  range.  It  is  a  reasonable  assumption 
that  some  significant  portion  of  this  volume  change  occurs 
nearly  stress-free,  perhaps  associated  with  some  viscous  flow. 
One  approximation  is  to  say  that  the  shrinkage  is  stress-free 
over  that  temperature  range  where  the  weight  loss  is  the  great¬ 
est.  Based  on  weight  loss  and  shrinkage  for  PAA  (and  phenolic) 
published  previously,*^  we  would  estimate  700°C  as  the  end 
of  the  major  weight-loss  regime,  and,  therefore,  the  stress- 
free  temperature. 

Next,  we  note  that  Jenkins  and  Leaves^^  have  measured 
Young’s  modulus  of  pyrolyzed  phenolic  resin  for  HTTs  of  450® 
to  1200°C,  and  report  values  of  2  and  28  GPa  for  these  two 
respective  HTTs.  In  their  experiment,  the  modulus  is  not  an 
in  situ  value,  but  rather  is  obtained  on  specimens  cooled  to 
room  temperature.  However,  based  on  the  work  of  Andrew  and 
Sato,^*^  we  know  that,  for  glassy  carbon  structures  such  as  the 
pyrolyzed  phenolic  resin,  there  is  little  effect  of  temperature  on 
modulus  from  room  temperature  to  about  1000°C.  Therefore, 
Jenkins  and  Leaves’  values  should  represent  reasonable  approx¬ 
imations  to  in  situ  values.  We  are  using  phenolic  resin  proper¬ 
ties  in  lieu  of  any  comparable  data  for  PAA;  however,  our 
studies  of  the  pyrolysis  products  of  the  two  resins  strongly 
suggest  they  are  very  similar  in  structure  and  properties.  *^-^** 

The  approach  to  the  shrinkage  of  the  matrix  is  to  treat  it 
as  elastic  over  the  temperature  range  700°  to  1100°C  (6%*^), 
although  it  is  clear  that  the  shrinkage  is  irreversible  in  the 
mechanical  sense  and  is  associated  with  densification  of  the 
carbon.  To  distinguish  it  from  a  free  thermal  strain,  we  term  it  a 
transformation  strain, 

For  the  fiber,  we  are  interested  in  its  transverse  properties, 
i.e.,  the  properties  in  the  direction  transverse  to  the  fiber  axis. 
Relative  to  the  axial  properties,  these  are  known  only  approxi¬ 
mately.  Using  the  compilation  of  fiber  properties  in  Dresselhaus 
et  we  assign  for  the  E130  fiber  =  7  GPa,  =  10“^ 
°C”*.  For  a  fiber  diameter  of  10  fxm,*“  we  obtain  a  fiber  volume 
fraction  of  0.25  if  the  matrix  thickness  is  5  jam  (i.e.,  the  radius 
of  the  cylindrical  fiber  and  matrix  together  is  10  |xm). 

Details  of  the  calculation  are  given  in  the  Appendix.  For  a 
—6%  linear  transformation  strain,  %  in  the  matrix,  and  using 
the  upper  limit  of  matrix  modulus  of  28  GPa,  we  obtain  a  radial 
compressive  stress  of  400  MPa.  Using  a  coefficient  of  friction 
of  0.3,^^'”  to  obtain  an  interfacial  shear  stress  (IFSS),  we  calcu¬ 
late  an  IFSS  of  120  MPa  (the  cooldown  stresses  are  negligible). 

Next,  we  are  interested  in  comparing  the  IFSS  with  the 
stresses  acting  on  the  interface  as  the  matrix  crack  propagates 
through  the  composite  in  a  direction  perpendicular  to  the  fibers. 
As  discussed  first  by  Cook  and  Gordon,*'*  in  addition  to  the 
major  crack-opening  stress  cr^  which  acts  in  the  direction  of 
applied  tensile  load,  i.e.,  parallel  to  the  fiber,  there  is  also  a 
stress  a,  at  the  crack  tip  which  is  perpendicular  to  i.e., 
parallel  to  the  length  of  the  crack  and  perpendicular  to  the 
length  of  the  fiber.  Cook  and  Gordon  deal  with  an  elliptically 
shaped  crack  of  0.1 -nm  tip  radius  and  2  jxm  long.  The  stress 
has  the  effect  of  being  able  to  produce  an  interface  crack  that 
could  deflect  the  main  crack.  Cook  and  Gordon  found  that  the 
maximum  value  of  cr^  was  an  approximately  constant  fraction 
(~  1/5)  of  the  peak  stress  concentration  cr^ 

Kellys®  cites  the  analyses  of  a  number  of  workers  who  have 
made  similar  calculations  for  the  case  of  elastic  anisotropy 
appropriate  to  an  aligned  fibrous  composite.  For  the  particular 
case  of  a  carbon/epoxy  composite  with  50%  fibers  by  volume, 
it  was  found  that  the  crack  deflecting  stress  a,  is  greatly  reduced 
in  the  composite;  e.g.,  is  now  47  compared  to  5  for  the 

isotropic  case.  However,  the  value  of  the  shear  stress  parallel  to 
the  fibers  T^.is  larger  than  by  a  factor  of  4.4.  Based  on  these 
findings,  Kelly  indicates  that  we  should  always  expect  inter¬ 
facial  shear  failure  to  dominate  the  composite  failure  mode. 
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Fig.  13.  Crack  propagation  through  a  2750°C  heat-treated  composite  at  two  different  degrees  of  strain,  (a)  and  (b);  (c)  is  a  higher  magnification 
view  of  (b)  at  a  slightly  lower  degree  of  strain. 


In  our  C/Cs  heated  to  1 100®C,  this  is  clearly  not  the  case,  as 
the  mode  of  fracture  is  brittle;  it  is  interesting  to  see  if  we  can 
use  Kelly’s  arguments  to  estimate  and  compare  it  with  our 
estimated  matrix-shrinkage-induced  frictional  IFSS.  First,  we 
note  that  must  be  at  least  as  large  as  the  El  30  fiber  strength 
of  2.7  GPa  (using  the  manufacturer’s  reported  single-filament 
data),  since  the  advancing  crack  breaks  the  fibers.  But  rather 
than  restrict  our  analysis  to  the  El 30  fiber,  we  take  note  that 
brittle,  monolithic-like  fracture  has  also  been  seen  by  us  in 
ultra-high-strength,  PAN-based  IM6  fibers  having  tensile 
strengths  of  about  5  GPa.^  So  we  use  5  GPa  as  a  lower  limit 
for  and  select  a  more  conservative  value  of  20  for 
relative  to  Kelly’s  47  for  the  higher  volume  fraction 
graphite/epoxy  composite,  and  use  the  same  ratio  of  of 

4.4;  this  gives  us  a  crack  tip  shear  stress  of  (4.4)(5/20)  =  1.1 


GPa.  This  is  about  an  order  of  magnitude  greater  than  the  120 
MPa  frictional  IFSS,  which  we  calculated  and  which  we  believe 
to  be  an  upper  bound  estimate  because  of  the  use  of  linear 
elastic  theory.  While  there  is  a  good  deal  of  uncertainty  in  all  of 
these  numbers,  nevertheless,  we  are  led  to  the  conclusion  that 
simple  frictional  bonding  between  fiber  and  matrix  almost  cer¬ 
tainly  cannot  account  for  the  brittle  fracture  of  the  1 100°C  HTT 
unidirectionals,  and,  therefore,  either  chemical  bonding  or, 
more  likely,  we  believe,  based  on  our  other  work,^"^  some  type 
of  mechanical  interlocking  between  fiber  and  matrix  must  be 
involved. 

Another  important  feature  of  the  present  work  is  the  transi¬ 
tion  from  brittle  fracture  for  the  1 100°C  HTT  to  multiple  matrix 
cracking  (MMC)  at  the  HTT  of  2150°C.  Clearly  the  interface 
has  been  weakened  by  the  large  thermal  stresses  associated 
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with  heatup  and  cooldown  from  these  high  HTTs,  as  well  as  by 
the  formation  of  the  well-oriented,  graphitized  interphase,  a 
subject  that  we  have  discussed  in  detail  elsewhere. As  Fig.  7 
reveals,  MMC  occurs  in  the  2150®C  HIT  sample  at  some  point 
prior  to  fiber  failure.  The  average  spacing  of  the  cracks  is  about 
1  mm.  According  to  Aveston,  Cooper,  and  Kelly, the  limiting 
crack  separation  in  a  brittle-matrix  composite  is  between  x'  and 
2jc"  where 


X  = 


(1) 


and  where  and  Vf  are  matrix  and  fiber  volume  fractions, 
is  the  strength  of  the  unreinforced  matrix,  r  is  the  fiber  radius, 
and  Tj  is  the  interfacial  shear  strength.  For  a  mean  crack  spacing 
5,  ACK  show  that  5  =  L36jc'.  The  big  problem  with  calculating 
Tj  is  the  uncertainty  in  Recall  that  this  matrix  is  formed 
in  situ  and  we  can  only  infer  its  properties  from  composite 
properties.  One  piece  of  information  available  to  us  is  that  the 
matrix  contributes  negligibly  to  the  modulus  of  the  composite 
for  this  HTT.^^If  we  assume  very  liberally  that  this  “negligible” 
contribution  could  be  as  high  as  15%,  then  using  rule  of  mix¬ 
tures  and  fiber  and  matrix  volume  fractions  of  0.30  and  0.70, 
we  calculate  an  upper  bound  for  the  matrix  modulus  to  be 
roughly  50  GPa.  It  is  also  of  some  interest  to  attempt  a  calcula¬ 
tion  of  the  reinforced-matrix  cracking  stress  (or  strain)  for  this 
particular  composite  using  the  ACK  approach,  which  states  that 
the  strain  at  which  the  reinforced  matrix  first  cracks  is  given  by 


-  vyy 

^  J 

We  can  solve  this  by  solving  Eq.  (1)  for  Tj  and  then  substitut¬ 
ing  the  expression  for  it  into  Eq.  (2).  We  further  state  that  = 
50  GPa  X  leaving  the  only  variable  for  which 

to  solve. 

In  addition  to  the  terms  already  identified  (see  Appendix), 
we  use  200  J/m^  for  the  fracture  energy  7^  of  the  carbon 
matrix,^^  From  this,  we  calculate  a  matrix  failure  strain  of 
^0,5%,  which  is  well  above  that  observed  for  the  composite 
(~ 0.2-0.25%).  Clearly,  this  calculation  is  very  approximate 
because  of  large  uncertainties  of  E^,  and  7^.  However,  it  is 
interesting  to  note  that  Kim  and  Pagano,^  working  with  a  num¬ 
ber  of  ceramic-matrix  composites,  similarly  calculate  failure 
strains  using  ACK  that  are  much  higher  than  those  measured. 

We  can  also  estimate  the  IFSS  from  Eq.  (1)  based  on  the 
measured  multiple  matrix  crack  spacing  of  1  mm  and  using  the 
experimentally  observed  composite  failure  strain  of  —0.2%  and 
the  matrix  modulus  of  50  GPa  (giving  =  100  MPa).  We 
then  calculate  Tj  to  be  on  the  order  of  only  1  MPa,  which  is 
quite  a  bit  lower  than  the  values  reported  for  a  number  of 
ceramic-matrix  composites.^^ 


V.  Conclusions 


Something  approaching  an  optimum  strength  utilization  is  real¬ 
ized  for  the  2150°C  HTT,  based  on  previous  uniaxial  tensile 
tests. Heat  treatment  above  this  temperature  (2400°  and 
2750°C)  leads  to  longitudinal  intramatrix  cohesive  failure 
caused  by  the  weakness  of  the  highly  oriented  and  graphitized 
matrix  sheath,  which  causes  long-range  deflection  along  the 
weakly  bonded  graphite  planes  that  are  aligned  parallel  to  the 
fibers.  For  the  2750°C  HTT,  the  result  is  composites  with 
strength  utilizations  approaching  those  of  dry  fiber  bundles. 
Calculations  of  the  inteifacial  shear  stress  that  might  be  gener¬ 
ated  by  matrix  shrinkage  during  pyrolysis  of  the  polymer  to 
carbon  were  made  using  a  simplified  model.  These  results  were 
compared  to  approximations  of  crack-tip  interfacial  shear 
stresses  (IFSS)  using  the  Cook-Gordon  crack  deflection  model. 
The  results  suggest  that  the  strong  bonding  in  the  1 100°C  HTT 
composite  cannot  be  accounted  for  by  friction  alone,  and,  there¬ 
fore,  chemical  bonding  or  some  type  of  fiber-matrix  mechani¬ 
cal  interlocking  must  be  involved.  Using  the  crack-spacing 
model  of  Aveston,  Cooper,  and  Kelly  (ACK)  an  IFSS  of  —1 
MPa  is  estimated  for  the  MMC  case  corresponding  to  the 
2150°C  HTT.  Attempts  to  calculate  the  matrix  failure  strain 
using  the  ACK  formulation  led  to  a  large  overprediction  of  the 
failure  strain,  although  a  number  of  the  parameters  used  in  the 
calculation  are  known  only  very  approximately. 


a  =  7  =  5  |im 


b  = 1 0 
Vf  =  0.30 


APPENDIX 


For  the  above  fiber-matrix  configuration,  we  calculate  the 
thermal  stresses  due  to  matrix  shrinkage  on  heatup.  We  use  the 
equations  of  stress  states  of  a  solid  rod  and  a  hollow  cylinder 
subject  to  normal  pressure  (external  for  rod  and  internal  for 
cylinder)  as  outlined  in  Timoshenkso  and  Goodier.^’  From  our 
discussion  in  the  text,  we  use 

z,  =  -0.06 

E^  =  28  GPa 

=  10"^  ^C*"*  (transverse) 

E^  =  l  GPa  (transverse) 

AT  =  400°C 


The  three  distinct  failure  regimes  of  E130/PAA-derived  C/C 
composites  can  be  summarized  as  follows.  After  carbonization 
heat  treatment  (1100°C),  the  composite  strength  is  dominated 
by  the  low  strain-to-failure  of  the  matrix  as  well  as  by  the 
nonbrittle  fiber  fracture  mode.  In  the  second  regime  (1600°C), 
heat  treatment  weakens  the  interface,  thereby  reducing  the  like¬ 
lihood  of  matrix-dominated  failure.  This  allows  fiber  bridging 
across  matrix  cracks  and  contributes  to  crack-tip  shielding  by 
the  filaments.  However,  there  are  still  well-bonded  regions  that 
result  in  brittle  crack  propagation.  The  result  is  a  mixed-mode 
type  of  failure.  With  heat  treatment  to  2150°C,  multiple  matrix 
cracking  is  observed,  with  intact  fibers  bridging  the  cracks.  The 
onset  of  matrix  inteiphase  (sheath)  structure  development  is 
also  first  evident  at  this  HTT.  This  sheath  microstructure  at  the 
2150°C  HTT  is  seen  in  one  instance  to  cause  blunting  of  the 
crack  but  no  deflection  of  the  crack  along  the  sheath  length. 


V  (Poisson  ratio)  =  0.3  (for  both  fiber  and  matrix) 

The  thermally  induced  mismatch  in  radial  displacement  for 
the  stress-free  state  at  the  fiber-matrix  interface  r  =  <2  is  given 
by 

QL^abJ  —  zyi  (A-1) 

To  eliminate  this  displacement  mismatch,  a  mechanical  normal 
stress,  P,  is  applied  at  the  interface.  The  radial  displacements 
for  the  fiber  and  matrix,  and  Ar^,  are 

Ar,  =  ^(1  -  V)  (A-2) 

[d  +  +  d  -  (A-3) 
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The  equation  for  displacement  compatibility  at  the  fiber- 
matrix  interface  is 

(Ar,  -  Ar,)  -  (a.aAT  -  -  0  (A-4) 

Combining  Eqs.  (2),  (3),  and  (4),  and  solving  for  P,  yields  the 
value  of  400  MPa.  We  estimated  the  cooldown  stresses  using 
the  same  fiber  but  a  stabilized  matrix  of  3  X  10”^ 

This  had  the  effect  of  reducing  the  radial  stress  by  only  about 
10%. 

Acknowledgment:  We  would  like  to  thank  Dr.  Dick  Chang  for  his 
assistance  with  the  mechanics  calculations. 
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TECHNOLOGY  OPERATIONS 


The  Aerospace  Corporation  functions  as  an  "architect-engineer”  for  national  security  programs,  spe¬ 
cializing  in  advanced  military  space  systems.  The  Corporation’s  Technology  Operations  supports  the 
effective  and  timely  development  and  operation  of  national  security  systems  through  scientific  research 
and  the  application  of  advanced  technology.  Vital  to  the  success  of  the  Corporation  is  the  technical 
staffs  wide-ranging  expertise  and  its  ability  to  stay  abreast  of  new  technological  developments  and 
program  support  issues  associated  with  rapidly  evolving  space  systems.  Contributing  capabilities  are 
provided  by  these  individual  Technology  Centers: 

Electronics  Technology  Center:  Microelectronics,  VLSI  reliability,  failure  analysis, 
solid-state  device  physics,  compound  semiconductors,  radiation  effects,  infrared  and 
CCD  detector  devices,  Micro-Electro-Mechanical  Systems  (MEMS),  and  data  storage 
and  display  technologies;  lasers  and  electro-optics,  solid  slate  laser  design,  micro-optics, 
optical  communications,  and  fiber  optic  sensors;  atomic  frequency  standards,  applied 
laser  spectroscopy,  laser  chemistry,  atmospheric  propagation  and  beam  control, 
LIDAR/LADAR  remote  sensing;  solar  cell  and  array  testing  and  evaluation,  battery 
electrochemistry,  battery  testing  and  evaluation. 

Mechanics  and  Materials  Technology  Center:  Evaluation  and  characterization  of  new 
materials:  metals,  alloys,  ceramics,  polymers  and  composites;  development  and  analysis 
of  advanced  materials  processing  and  deposition  techniques;  nondestructive  evaluation, 
component  failure  analysis  and  reliability;  fracture  mechanics  and  stress  corrosion;  analy¬ 
sis  and  evaluation  of  materials  at  cryogenic  and  elevated  temperatures;  launch  vehicle 
fluid  mechanics,  heat  transfer  and  flight  dynamics;  aerothermodynamics;  chemical  and 
electric  propulsion;  environmental  chemistry;  combustion  processes;  spacecraft  structural 
mechanics,  space  environment  effects  on  materials,  hardening  and  vulnerability  assess¬ 
ment;  contamination,  thermal  and  structural  control;  lubrication  and  surface  phenomena; 
microengineering  technology  and  microinstrument  development. 

Space  and  Environment  Technology  Center:  Magnetospheric,  auroral  and  cosmic  ray 
physics,  wave-particle  interactions,  magnetospheric  plasma  waves;  atmospheric  and 
ionospheric  physics,  density  and  composition  of  the  upper  atmosphere,  remote  sensing, 
hyperspectral  imagery;  solar  physics,  infrared  astronomy,  infrared  signature  analysis; 
effects  of  solar  activity,  magnetic  storms  and  nuclear  explosions  on  the  earth's  atmos¬ 
phere,  ionosphere  and  magnetosphere;  effects  of  electromagnetic  and  particulate  radia¬ 
tions  on  space  systems;  component  testing,  space  instrumentation;  environmental  moni¬ 
toring,  trace  detection;  atmospheric  chemical  reactions,  atmospheric  optics,  light  scatter¬ 
ing,  state-specific  chemical  reactions  and  radiative  signatures  of  missile  plumes,  and 
sensor  out-of-field-of-view  rejection. 


